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ABSTRACT: The effects of physisorbed polymer molecules on carbon nanotubes dispersed in a soft polymer
matrix on the resulting mechanical strength of the nanocomposite are reported. From measurements of the large-
strain deformation of the nanocomposites, the shear strength, 7, of the nanotube/matrix interface was determined
as a function of the interfacial polymer chain length and the chain density, 2. The results show that the value of
T (per chain) increases with increasing chain length. 7 likewise increases with = but then levels off above a
critical value. These results are explained by the molecular friction of the adsorbed polymer chains sliding along
the rubbery polymer matrix. The results can be used to guide the interfacial design of polymer nanocomposites
to obtain ultimate macroscopic mechanical control. In particular, the monomeric friction coefficient, &;, could be
used to adjust the macroscopic properties of this type of nanocomposite.

1. Introduction

It is well accepted in the literature on polymer composites
that the interface between a fiber and the continuous matrix has
a profound effect on the macroscopic mechanical performance.'
The more recent literature on polymer nanocomposites contain-
ing high aspect-ratio nanofillers (e.g., platelets,? carbon nano-
tubes,” and fibers*) has been built upon the models of “classic”
uniaxial composites. The models predict that the fracture
mechanism and the ultimate strength and toughness of this type
of nanocomposite depend on two key parameters: the filler
length (L) and the interfacial shear strength (7) between the
matrix and the filler (representing the stress at failure). A
nanofiller will break during deformation of the nanocomposite
only when the stress transferred to it is larger than its fracture
strength. The stress transferred from the matrix depends on both
L and 7. If the transferred stress does not exceed the filler’s
fracture strength, then the filler will pull out from the matrix
when the stress level exceeds 7. The two key parameters can
be adjusted by chemical or physical means to induce either a
filler fracture mechanism or a filler pull-out mechanism. They
therefore provide a tool for the design of the mechanical
performance of nanocomposites.

There are a few examples in the literature that illustrate the
importance of the interfaces between nanofillers and the matrix.
For instance, spherical nanoparticles in glassy polymers’ are
very effective in toughening the nanocomposite when there is
high interfacial adhesion, obtained when the testing temperature
is above the glass transition temperature (7,) of the polymer
matrix. In a second example, when polymers are grafted onto
multiwalled carbon nanotubes (MWNTSs) to impart miscibility
with the matrix, the resulting efficient load transfer from the
matrix to the nanotubes increases the mechanical properties,
such as modulus, strength, ultimate strain, and toughness.°
Additionally, a more effective interfacial stress transfer and a
pronounced mechanical reinforcement have been achieved by
using carbon nanotubes with a high density of polymer chains
grafted onto them.’

Although there is a general consensus that carbon nanotubes
require surface treatments or chemical functionalization to
achieve good dispersibility and compatibility with the matrix,®
the effects of the interfacial composition and structure on the
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resultant interfacial strength lack quantitative experimental
studies. There has been greater emphasis on chemical modifica-
tions of the filler/matrix interfaces (e.g., covalent bonding) rather
than on physical mechanisms, as will be presented here. A better
understanding of how to control T may enable the bottom-up
design of nanocomposites with desired properties.

This present work is partially inspired by previous studies of
how polymer chains at interfaces influence fracture, adhesion,
and friction. Kramer and co-workers systematically investigated
the interfacial fracture strength of glassy polymer/polymer
interfaces that are reinforced with miscible diblock copoly-
mers.”” ! They measured the interfacial fracture toughness using
the double cantilever beam method and studied its dependence
on the copolymer degree of polymerization, N, and interfacial
chain density, = (expressed as chains nm~2). They found that
the interfacial failure occurs by copolymer chain pull-out from
the homopolymer when the N of each block is less than the
value at entanglement (N.). If N is above N, but with a low X,
the failure is by chain scission, as the entangled chains break
under stress rather than pull-out from the matrix.

The adhesion strength at interfaces between elastomers and
polymer brushes grafted on solid surfaces is similarly affected
by chain entanglements. The energy of adhesion increases with
both the ¥ and N of the brush.'?> Furthermore, Brown’s
pioneering experiments'® on the sliding friction between elas-
tomers and grafted polymer chains on solid, planar supports
found a strong dependence on the interfacial chain thickness.
Later, other systematic studies'*'> showed that the friction stress
between a tethered brush and an elastomer increases with .

This present work concerns nanocomposites made from
multiwall carbon nanotubes dispersed in a soft polymer matrix
using a waterborne colloidal process.'®'” To make these
nanocomposites, the nanotubes are dispersed in water through
the physisorption of a hydrophilic poly(vinylpyrrolidone) (PVP).
In the dry nanocomposite, PVP is then located mainly at the
interface between the nanotube and the rubbery matrix. Our
nanocomposite system can therefore be broadly described as a
rubbery polymer in contact with polymer chains adsorbed on a
curved surface of solid carbon. The macroscopic properties of
the nanocomposite are determined, in part, by 7. We report here
a systematic investigation of the effects of the 2 and N of the
interfacial PVP on the observed macroscopic mechanical
properties of the nanocomposites. The results are analyzed
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through calculations of 7. When interpreting the results, lessons
are learned and applied from the literature on the friction of
rubbers sliding along polymer brushes on solid surfaces.

2. Experimental Details

MWNT—-PVP Aqueous Dispersions. MWNTSs (Nanocyl, Bel-
gium) are reported by the manufacturer to have a purity level of
95% and were used as received. TEM analysis, shown in the
Supporting Information in our previous work'” revealed that the
average length, L, of the MWNTs is 1500 nm and the average
diameter, D, is 20 nm. The average inner diameter, Dj, is 8§ nm.
The MWNTs were dispersed in solutions of poly(vinylpyrrolidone)
(PVP, Sigma-Aldrich) in water. For all experiments, an initial
MWNT concentration was fixed at 0.1 wt % in water; various PVP
concentrations were added, as desired, to achieve a range of
interfacial chain densities. Various PVP molecular weight, M.,
fractions, namely 1 (1.2), 10 (2.7), 29 (5.2), 360 (5.4), and 1570
(5.3) kg mol~! (where the polydispersity index, M/M,, is given in
parentheses) were used to investigate the effect of chain length.
The average degree of polymerization, N, of the PVP thereby
ranged from 9 to 14 144. When investigating the effect of chain
density on mechanical properties, PVP with M,, of 1570K was used
while the PVP:MWNT ratio was varied.

MWNTs were added to aqueous PVP solutions, and the mixtures
were sonicated for 10 min using a sonic tip with output power of
20 W (Branson Sonifier 150, Branson Ultrasonics Corp., Danbury,
CT) followed by mild sonication for 30 min in a sonic bath. During
both sonications, the dispersions were chilled by immersion in ice
water. Then the dispersions were centrifuged for 30 min at 4400
rpm, and ~90% of the dispersion was collected as a supernatant
of nanotubes dispersed in water. The supernatant collected after
centrifuging at 4400 rpm contains MWNTs with adsorbed PVP
chains on them and with free PVP chains in the solution. TEM
analysis shows that MWNTs were, for the most part, homoge-
neously dispersed and debundled in the supernatant.

PVP Chain Density Determination. To determine the amount
of PVP adsorbed on the MWNTS, the supernatants were further
centrifuged at 50 000 rpm for 2 h. The MWNTs with adsorbed
PVP chains were isolated at the bottom of the centrifugation tubes,
and the free PVP chains in water were isolated at the top. The
PVP solution was decanted off, and the MWNTs with adsorbed
PVP were collected and dried. The weight ratio, w, of adsorbed
PVP to MWNTs was determined with thermogravimetric measure-
ments in nitrogen (Q500, TA Instruments, New Castle, DE). In
this analysis, dried solutions of PVP adsorbed on MWNTs were
heated to a temperature of 800 °C, which is well above the
temperature for the complete decomposition of PVP (600 °C), as
reported previously.'” The mass loss attributed to the PVP
decomposition was compared to the total mass and used to find w.
The number ratio, m, of PVP:-MWNT (i.e., number of PVP chains
per nanotube) was then calculated for each dispersion, by modeling
the MWNTS as cylinders with a mass density, p, of 2.15 x 10° g
m~3'® in the expression
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where N, is Avogadro’s number. The areal number density of
adsorbed PVP chains, = (chains nm~2), was then found by
considering the surface area of the outer wall, A,,, of the MWNTs,
expressed as

=7 (@)

Nanocomposite Preparation and Measurement. To prepare
nanocomposites, the free PVP was not removed from the dispersion,
so as to maintain equilibrium between the adsorption and desorption
of the dispersant on the nanotube surface. The MWNT dispersions
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Figure 1. Schematic diagram of the preparation of the nanocomposites
and the resulting interfaces. (a) An illustration of PVP chains adsorbed
on MWNTs dispersed in water blended with the colloidal P(BuA-co-
AA) particles. (b) Interfacial structure for a clean interface, which is
not possible to achieve in the colloidal route of processing. (c)
Ilustration of PVP chains with a high N at a MWNT/matrix interface
at low 2. (d) Illustration of PVP chains with a low N at a MWNT/
matrix interface at high 2. There is limited miscibility between the
PVP chains and the matrix.

were blended while stirring into a colloidal dispersion of poly(butyl
acrylate-co-acrylic acid) (poly(BuA-co-AA)), prepared by emulsion
polymerization, as described previously'® (Figure 1a). The polymer
is lightly cross-linked so that there is a gel fraction of 30%. The
average particle size is 120 nm, and the 7, of the copolymer is
—50 °C. The surfaces of the particles are enriched in acrylic acid
groups.

In all experiments, the volume fraction of MWNTs, ¢nr,
calculated on the polymer in the dry films, was 7 x 1073. (The
volume of the adsorbed PVP is not included in the calculation of
the volume of the MWNTSs.) To check the mechanical effects of
this free PVP which is not removed from the nanocomposite, the
same amount of free PVP solution (i.e., the supernatants of the
solutions centrifuged at 50 000 rpm for 2 h) were added to the latex
to prepare latex/PVP dispersions for control experiments.

All colloidal dispersions were cast in poly(tetrafluoroethylene)
molds and allowed to dry at room temperature for 7 days.
Interdiffusion occurs readily across the P(BuA-co-AA) particle/
particle boundaries'® because of the very low T, and low level of
cross-linking; particle coalescence creates a homogeneous matrix.?®
Tensile specimens (10 mm x 1 mm x 1 mm) were cut from the
dried nanocomposite layers. Tensile stress—strain measurements
were obtained on an apparatus (Texture Analyzer, Stable Micro
Systems Ltd., Goldaming, UK) with a constant strain velocity of 5
mm s~!, corresponding to an initial strain rate of ca. 0.5 Hz. Three
or more replicate experiments were performed for each N and =
under investigation, and average values are reported here.

Interfacial Strength Determination. To study the interfacial
strength, 7, between a single nanotube and the matrix, a suitable
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technique must be devised to measure a single interface. AFM-
assisted nanomechanics experiments have been employed elsewhere
to measure the interfacial adhesion between single nanotubes and
the matrix.?" In this work, 7 is deduced from large-scale deformation
of the nanocomposite, using the working hypothesis outlined below.

In classical models of conventional uniaxial fiber-reinforced
composites that fail by fiber pull-out,* the macroscopic strength is
proportional to the interfacial shear strength between the fiber and
the matrix. This model has been extended to nanocomposites and
applied to nanosized fillers, such as platelets.” For nanocomposites
filled with nanotubes, Coleman et al.> showed how the interfacial
stress transferred to the nanotube scales with L. A critical nanotube
length, represented as L., is predicted at which enough stress is
transferred to the nanotube to break it. This length is expressed as
where oyt is the nanotube strength (given in the literature as 50

;- ontD

¢ 2T 3)

GPa)® and 7 is the interfacial strength between the nanotube and
matrix.

Composite materials with a weak interface have been found to
have experimental values of 7 near 10 MPa.?! However, both
computer simulation®? and experimental work®® have reported 7
values of around 100 MPa when there is strong covalent bonding
at the interface. So as 7 varies between 10 and 100 MPa, L. ranges
between approximately 4 and 40 um. Thus, in our experiments in
which L = 1.5 um, it is valid to assume that L < L. even if 7 is
considered to have a value at the upper limit.

In the case where L < L, the stress transferred to the nanotubes
is not sufficient to break them, and the failure of the nanocomposite
thus occurs by the nanotube pulling out from the matrix. In this
pull-out process, the failure is controlled by 7. The composite
strength o, can be obtained from a knowledge of the matrix strength
Om using the standard expression®*

o, = (‘L’% - om)¢>NT + o, 4)

Measurements of o, coupled with measurements of the other
parameters, thereby allowed us to calculate 7 by inversion of eq 4.

We note that eq 4 was derived through the extension of a model
for uniaxial fiber-reinforced composites. The carbon nanotubes in
our nanocomposites are not expected initially to be aligned parallel
to each other. However, in the large strain regime, in which our
experiments are conducted, nanotubes in a polymer matrix have
been shown elsewhere**?> to align in the direction of a tensile
stress. Hence, we proceed in applying eq 4 after noting the
underlying assumption in the analysis and treating it as a working
hypothesis.

3. Results and Discussion

There are several factors that can influence the mechanical
properties of nanocomposites: matrix morphology, the extent
of nanotube dispersion (or bundling), the interface type and
structure, and the nanotube orientation. The matrix P(BuA-co-
AA) here is in a rubbery state and unable to crystallize. Our
calorimetry measurements clearly showed that the nanocom-
posites with the presence of MWNTSs have no crystallization,
and the matrix is still amorphous. As illustrated in our previous
work,'”” MWNTs are debundled in the dispersion, and all of
the nanocomposites show a similar uniform dispersion of
MWNTs, regardless of the PVP chain lengths. The MWNTSs in
the matrix are randomly dispersed with similar aspect ratios,
and there is no preferential orientation.

The effects of the incorporation of the free PVP chains in
the preparation procedure were investigated through large-strain
tensile deformation measurements (Figure S1). The concentra-
tion of the free PVP chains had no significant impact on the
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Figure 2. (a) Tensile deformation of pure P(BuA-co-AA) and the
nanocomposites with the same average chain length (N = 14 144) but
different X (chains nm~?) at the interface, as indicated in the legend.
The engineering stress is plotted against the strain (change in length
over initial length). (b) The dependence of 7 on X for these same
nanocomposites. The solid line is the best linear fit to the data.

strentgh or toughness of the P(BuA-co-AA) films. The primary
differences in the nanocomposites under investigation are the
N and = of the PVP dispersant chains, which are primarily
localized at the interface between the MWNTSs and the P(BuA-
co-AA) matrix.

The P(BuA-co-AA) particle surface is enriched in AA, and
PVP is miscible with AA.?° Plasticization of the acrylic acid-
rich chains by water might facilitate their extension and
interpenetration with the PVP chains. The schemes in Figure
1c,d illustrate the PVP chains at the matrix/MWNT interfaces
for two different N and X values.

Large-strain tensile deformation measurements revealed that
the maximum strength of the P(BuA-co-AA) films is 0.14 MPa,
which defines the value of oy, for subsequent calculations. This
value of o, was obtained from the maximum stress achieved
on the stress—strain curve, as illustrated in Figure 2a. This same
figure also compares the deformation of the polymer films to
that of the nanocomposites having a constant polymer chain
length (N = 14 144) but varying =. The figure illustrates that
with a higher X, the nanocomposite strength, o, (defined as the
maximum stress obtained during large-strain deformation),
increases, and also greater strains are achieved before failure.
Measurements of o, are used to calculate values of 7 through
inversion of eq 4. The dependence of 7 on X is shown in Figure
2b. A linear relation between 7 and X is observed up to 2 =
0.0045 chains/nm?. Thereafter, T remains constant at a plateau
value of 20 MPa. With more polymer chains at the interface,
the interaction with matrix chain is increased and consequently
the interfacial strength is raised. Above a critical chain density,
however, the effect of = levels off.

It is worthwhile noting that other studies of macroscale
sliding at planar interfaces found that the friction stress likewise
increased linearly with grafting density until reaching a critical
value, above which the stress reached a plateau. Bureau and
Léger' have proposed that at high = the sliding friction is set
by the rheology of the thin layer of interfacial chains. This idea
provides a good explanation for the plateau of 7 found for high
2 in Figure 2b. We also note that a similar dependence on
interfacial chain density was found in the interaction of diblock

14,15
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Figure 3. (a) Tensile deformation of the nanocomposites with various
polymer chain lengths (measured through N) at the nanotube/matrix
interface, as indicated in the legend. (b) The dependence of the sliding
force per interfacial chain on N. The solid line is the linear fit with a
slope of 1.00 £ 0.06.

copolymer brushes at the interfaces in immiscible polymer
blends.”” "' When the X became sufficiently large, the interfacial
strengths were found to level off at a constant value. In Brown’s
experiments,'? sliding friction was increased by thin brush layers
(i.e., low X), but liquidlike behavior was found for thicker layers.

Figure 3a shows the large-strain tensile deformation of the
nanocomposites with varying PVP chain length. Experimentally,
it was not possible via the physisorption process to hold =
perfectly constant while varying N, so there is some variation
in both parameters. The quantitative dependence of 7 on N was
then determined experimentally through analysis of the data. T
was normalized by X so as to represent the average force
provided per individual chain during the pull-out process.
Underlying this calculation is an assumption that 7 is negligible
when there are no PVP chains at the interface between the
nanotube and matrix. Experimentally, it is not possible to create
such an interface because the nanotubes require a dispersant to
be suspended in water. However, surfactants are small molecules
and hence will not entangle with the matrix or create a high
friction. Previously,'” we reported that o, for nanocomposites
prepared with surfactants is just slightly higher than o,,, showing
that 7 &~ 0 when the matrix is not sliding along polymer chains
adsorbed at the interfaces. Hence, Fiice ~ T/Z.

Figure 3b presents experimental measurements of Flic
obtained by varying N. Fiie is shown here to scale with N to a
power of 1 (within the experimental uncertainty). On linear axes,
the extrapolation of 7/= to N = 0 is very small (<2 pN). Fi;( iS
3 orders of magnitude higher (on the order of nN) when N =
14 144. This range of values of Fpi iS comparable to those
found elsewhere®*’ for the force per chain when the pull-out
of diblock copolymer chains occurred at an immiscible polymer/
polymer interface. Longer chains, above their N,, were found
to create entanglements on either side of the interface, which
resist their easy pull-out. In this case, the failure occurs by chain
scission. Values in the range of 1—3 nN have been reported
experimentally®2”-*® as being required to break a C—C bond in
a chain scission process. The range of Fyic values found in the
data in Figure 3b (except for the largest N) is thus lower than
what is expected for a chain scission mechanism but is in line
with the expected force of friction in a chain sliding mechanism,
as will be shown hereafter.
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In order for the PVP chains to sustain such relatively high
forces, they must be attached strongly to the MWNTs. Molecular
dynamics simulations using empirical force fields*® offer some
insight into the expected interaction energies solely due to van
der Waals interactions between polymers and CNTs. The energy
depends on the temperature and the nanotube diameter. The
simulation for poly(styrene) (PS) on a nanotube with a 20 nm
diameter (the same size as used in our work) finds an interaction
energy of ~250 kJ/mol. Note that PS has some structural
similarities to PVP. This energy level is below the covalent bond
energy of a single C—C bond, such as is found in the backbone
of PVP, with a value of 360 kJ/mol.>® Hence, it is expected
that the chains can support significant stress without pulling
off of the MWNT surface but not enough stress to cause chain
scission.

For an elastomer sliding along a polymer brush, the friction
force acting on a chain, Ffic, depends on the velocity, V, of the
sliding.‘%l’32 Below a certain velocity V;, the whole chain of the
brush can relax in the elastomer network.'* This velocity is given
as

V. = D/t (N) 5)

with De ~ a~/N. being the mesh size of the rubber network
and 7,;m(N) being the Rouse relaxation time of a chain with N
monomers. The monomer size, a, can be estimated to be 0.5
nm. N., the number of repeat units between entanglements, is
estimated to be 100 for the P(BuA-co-AA) matrix.

Above V;, the head of the chain is stretched in a straight tube
of diameter De, and only a tail of ¢ monomers has time to relax,
coil, and penetrate into the rubber network.'> When the velocity
increases, the coil will shrink and the stretched chains will grow
until ¢ is less than N..

In the velocity regime where V > V,, the whole chain has no
time to relax, and it is mainly stretched. V can be written'* as
where 7, is the monomeric relaxation time expressed as 7, =

D

Ve= T, ©

E1a%/(37%kT). Here, k is the Boltzmann constant, T is the absolute
temperature (300 K), and & is the monomeric friction coef-
ficient, which is the frictional force per monomer unit per unit
velocity moving through a medium consisting of other polymer
molecules. & is a function of both the geometry of the repeat
unit and its chemistry.>* The &; for rubbery polymers is typically
on the order of 50 nN s m~! at room temperature.”* The
corresponding monomer relaxation time, 7,,, will be on the order
of 1077 s.

For PVP chains with N = 3243 and 14 144, we estimate,
using eq 6, that Vi is 0.2 and 0.04 um/s, respectively. The local
sliding velocity V at the nanotube/matrix interface is taken to
be 0.75 um/s (as estimated from the product of L and the initial
strain rate: 1.5 um x 0.5 Hz). Thus, for N = 3243 and 14 144,
the sliding velocity V is found to be larger than V.

When V >V, the sliding friction is attributed to the Rouse
friction with the rubber network. The frictional force per chain
is then linearly proportional to V, such that

Friw = ENV @)

This equation is applicable for the two higher N and can be
used to calculate the monomeric friction coefficient of PVP with
the P(BuA-co-AA) matrix. We find &, to be on the order of
100 nN s m~! in our nanocomposite. This value is reasonable
when compared to values obtained for other polymers with polar
repeat units, such as poly(vinyl chloride) (30 nN s m~! at 125
°C).*=** This broad agreement provides some confidence in the
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Figure 4. (a) Correlation of macroscopic nanocomposite toughness with
the interfacial strength, 7. (b) Correlation of macroscopic nanocomposite
Young’s modulus with the interfacial strength. The solid line is the
best linear fit to the data.

validity of the data analysis. (Of course, the friction in these
experiments is between polar PVP units and units of butyl
acrylate and acrylic acid and not between like units.)

Note that our argument presented here does not require the
PVP chains to be fully miscible with the matrix. The theory
for sliding friction at polymer/elastomer interfaces applies even
when the pairs are weakly incompatible because of the intrinsic
interpenetration width.'> Previous experimental work on the
sliding friction of polymer melts has used end-grafted brush
structures,'> ' but we expect friction effects at interfaces to
be operative even if there is a loop-and-train structure of chains
at the interface and limited miscibility with the continuous
matrix. The basic principles are still valid.

The precise conformation of the PVP chains when adsorbed
on the MWNTs is not known to us, but there are some recent
coarse-grained Monte Carlo simulations® that offer some
needed insight. The simulation found that flexible chains (such
as PVP) are less prone to helical adsorption (i.e., wrapping) in
comparison to stiffer chains. Moreover, flexible chains show
negligible overlap over the range of concentrations studied. The
conformation of flexible chains adsorbed on larger radii was
described as “cloudlike”. These simulations suggest that there
will be some extension of the PVP chains away from the carbon
surface and that they will not lie flat or wrap.

A low interfacial strength will inhibit effective stress transfer.
An improved interfacial strength will help to achieve full stress
transfer from the matrix to the nanotube and will result in greater
nanocomposite strength. Figure 4 shows the interrelationship
between the nanocomposite’s engineering toughness (which is
determined from the area under the stress—strain curve) and
the 7 deduced from the macroscopic strength, as already
explained. The toughness enhancement is apparent in these soft
nanocomposites. As the matrix macromolecules are in the
rubbery state and have high mobility, an increased interfacial
strength allows the nanocomposites to be deformed to a greater
extent before fracture. The nanocomposites are therefore able
to dissipate more energy, as previous results have revealed.>'”
A similar correlation between Young’s modulus and 7 is also
shown. The nanocomposites exhibit greater stiffness when there
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is more contribution from the nanotubes as a result of increased
stress transfer. Although, in principle, stress transfer can be
achieved by covalent bonding between nanofillers and the
matrix,?® our approach relies on a physical mechanism.

We note that N and £ are important parameters in the design
of nanocomposites of this type. Their values can be adjusted to
increase the macroscopic mechanical properties of the nano-
composite. Even when the molecular weight polydispersity is
somewhat broad, as was the case here, N has a signficant impact
on mechanical properties.

Our results also indicate that, in the limit of high velocity,
the mechanical strength is a function of &;. The value of &; can
vary widely depending on the nature of the polymer, and hence
the selection of the polymer dispersant on the nanotubes
becomes an important design parameter. For instance, molecules
with bulky and stiff repeat units typically have a & value on
the order of uN s m~!, whereas others, e.g. polybutadiene, have
values as low as a few pN s m~!. %

4. Conclusions

In a systematic study, we have demonstrated that the
interfacial strength between carbon nanotubes and a soft polymer
matrix increases with the chain length and density of polymer
chains adsorbed at the interface. Longer chain lengths and higher
chain densities both increase the interfacial strength and hence
lead to an increased macroscopic strength (by a factor of 2)
and toughness (by a factor of 3) in the nanocomposite. The
observed increase in the interfacial strength is attributed to the
sliding friction between the adsorbed dispersant chains and
the matrix. These experiments thereby demonstrate a physical
approach to improve the mechanical properties of nanocom-
posites, rather than one that relies on covalent bonding at the
interfaces. The effect is quite forgiving of molecular weight
polydispersity and, drawing from the results here, does not
require monodisperse fractions.

The results lead us to propose that the monomer friction
coefficient of the interfacial polymers is an important parameter
that can be selected to tune the interfacial strength and hence
the macroscale properties of nanocomposites of this type.
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